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a b s t r a c t

Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg was prepared by casting, quenching, aging and cold
drawing. The microstructure was studied by electron microscope and X-ray diffraction. Vickers hard-
ness was measured for the alloy after the annealing treatment at different temperatures covering a
wide temperature range from room temperature to 700 ◦C. The ribbonlike structure is replaced by gross
vailable online 11 June 2010
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equiaxed grains. The crystal orientation is gradually approaching the full annealed specimen and the
hardness difference between longitudinal and transverse directions vanishes by recovery and recrystal-
lization. The thermal analysis was carried out and the stored energy was calculated. The release of stored
energy and the reduction of resistivity are primarily due to the decrease of dislocation density. The main
strengthening effect is attributed to dislocation mechanism.
echanical properties
hermal analysis

. Introduction

Cu–Cr–Zr alloys are widely used in engineering applications,
uch as trolley wires, lead frames, electronic terminals and connec-
ors due to their high mechanical strength, electrical conductivity,
hermal conductivity and wear resistance [1–4]. Many researches
ave focused on the microstructure [5–9], physical properties and
echanical behavior of the alloys [10–17].
Heavy cold deformation can induce high strength for the alloys

ue to the strain-hardening effect. However, the strain-hardening
ffect can be removed during the heat treatment process by the
elease of the stored deformation energy in recovery and recrys-
allization, which results in the change of the microstructure and
roperties of the deformed alloys. Therefore, the stability of a
eformed alloy during heat treatment process usually plays an

mportant role in the microstructure and properties. The ther-
al stability dependent on the stored energy was related to the

mount of dislocations and their spatial structure formed dur-
ng cold deformation [18]. Some studies on the thermal stability
r recrystallization behavior related to the release of the stored

nergy in polycrystalline metals and alloys with heavy plastic
eformation have been presented. In cold rolling Al–2.5 wt.%Mg,
he release of the stored energy was dependent on the annihilation
f defects during recrystallization and the desegregation of solute
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atoms from the core of dislocations. The dissolution of Mg clusters
formed in dislocation walls resulted in an endotherm behavior at
low temperatures [19]. Ref. [20] indicated that the stored energy
was independent of rolling temperature in Al–Mg–Si alloy due
to the higher stacking fault energy of the alloy compared to Cu.
The stored energy in high purity copper increased with increas-
ing strain degree and reached a saturation corresponding to a
nearly constant recrystallization temperature after a critical strain
level [21,22]. In shock-deformed Cu and Cu–Al alloys, the stored
energy released during recrystallization was attributed primarily
to the annihilation of dislocation with the energy contribution from
recovery, deformation twins and point defects estimated to be rel-
atively small [23,24]. The dislocation density was calculated by
the total stored energy released during recrystallization and cor-
responded to a reasonable flow stress in cold rolled pure Cu and
Fe [25,26]. In ultrafine-grained metals and alloys, the majority of
stored energy released during recrystallization is not only due to
the disappearance of dislocations, but also the annihilation of high
density grain boundaries. Ref. [27] indicated the Cu power stored
about 1.2 kJ/mol and the Ta power about 8 kJ/mol by high energetic
ball milling in Cu–Ta alloys. Increasing the grain size decreased the
amount of the stored energy at a given strain and increased the
recrystallization temperature in pure nickel [28].
There should be high dislocation density and high stored
energy in Cu–Cr–Zr alloys with high strength induced by heavy
cold deformation. The high stored energy must affect the ther-
mal stability of the microstructure and properties. The aim of
the current investigation is to understand the thermal stability

dx.doi.org/10.1016/j.jallcom.2010.05.166
http://www.sciencedirect.com/science/journal/09258388
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f Cu–Cr–Zr alloys with heavy cold deformation. For the aim,
u–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg was drawn to
high strain degree and then annealed at different tempera-

ures. The recrystallization behavior was studied by microstructure
bservation, structure analysis, hardness test and resistivity mea-
urement. The stored energy was measured and utilized to estimate
islocation density and flow stress.

. Experimental methods

Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg was
elted in a vacuum induction furnace and cast into cylindrical

ngots of 20 mm diameter in Ar shielded atmosphere. The ingots
ere drawn at ambient temperature into wire specimens with the

rue strain � = 6.0. The wire specimens were annealed in a vacuum
esistance furnace for 1 h at different temperatures.
The microstructure on longitudinal section of the wire speci-
ens was observed by scanning electron microscopy (SEM) and

ransmission electron microscope (TEM) on a JEM 2010 instrument
perated at 200 kV. TEM foils were sliced from the longitudinal
ection. Then the foils were prepared by a double jet electro-

ig. 1. Microstructure of Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg drawn to
00, (g) 550, (h) 600 and (i) 700 ◦C.
pounds 509 (2011) 4092–4097 4093

polisher at about −20 ◦C with an electrolyte of 10% nitric acid
and 90% methanol. The hardness was determined on polished
longitudinal and transverse sections of the wire specimens using
a Vickers hardness tester with a load of 200 g and a holding
time of 10 s. The hardness value for each sample was taken from
the measured average of at least 10 indentations. The electrical
resistivity was measured at ambient temperature by the four-
probe direct current technique. The flow stress was determined
by electronic tensile tester with the strain rate of 2.0 × 10−3 s−1.
X-ray diffraction (XRD) analysis was conducted with CuK� radia-
tion (� = 0.154 nm). The microstrain was calculated by the analysis
of XRD peak broadening. The thermal analysis was carried out
by differential scanning calorimetry (DSC) with a heating rate
of 20 ◦C/min from 40 to 600 ◦C. The stored energy was taken as
the area under the heat releasing peak. For each sample, two
DSC runs were obtained and the curve from the second run was

used as a baseline. The final DSC curve is the difference between
the second run and the first run. Such a procedure is neces-
sary to amplify the extremely small thermal events that occur
in Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg with heavy
deformation.

� = 6.0 (a) SEM image, (b) TEM image and annealed at (c) 300, (d) 400, (e) 450, (f)
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P0
(hkl) = I0

(hkl)/ I0
j (3)

where I(hkl) and I0
(hkl) are the intensities of (hkl) diffraction in

the drawn specimen and full annealed specimen, and Ij and I0
j

Fig. 1.

. Experimental results and discussion

.1. Microstructure

Fig. 1 shows the microstructure of Cu–0.4 wt.%Cr–0.12 wt.%Zr–
.02 wt.%Si–0.05 wt.%Mg drawn to � = 6.0 and then annealed at
ifferent temperatures. The as-drawn microstructure displays the
niform ribbonlike grains elongated along drawing direction with
mean ribbon diameter of 530 nm. The ribbonlike structure is

till retained in the alloy annealed at 300 ◦C. Some small gran-
lar grains form due to the presence of recrystallization in the
ibbons annealed at 400 ◦C and some ribbonlike boundaries slightly
igrate. The number of granular grains increases and the migration

f ribbonlike boundaries becomes more obvious in the specimens
nnealed at 450 ◦C. More obvious migration of ribbonlike bound-
ries takes place in the specimens annealed at 500 ◦C. Annealing
t 550 ◦C produces obviously tortuous boundaries and some coa-
escent ribbons due to further boundary migration at higher
emperature. Coarse equiaxed grains across several ribbons are
bserved and result in the partial disappearance of ribbonlike mor-
hology in the specimens annealed at 600 ◦C. Considerable grain
rowth takes place and the ribbonlike morphology completely van-
shes away in the specimens annealed at 700 ◦C.

.2. Structure evolution

Fig. 2 shows the XRD patterns of Cu–0.4 wt.%Cr–0.12 wt.%Zr–
.02 wt.%Si–0.05 wt.%Mg annealed at different temperatures. The
RD patterns not only show the peak distribution of Cu phase but
lso the relative intensities of peaks change with the annealing tem-
erature. For example, the (2 2 0)Cu intensity is the highest in the

s-drawn specimens but decreases with the annealing temperature
ncreasing. On the contrary, the (1 1 1)Cu intensity is the lowest in
he as-drawn specimens but increases with the annealing temper-
ture increasing. These results imply that the annealing treatment
esults in the change of crystal orientation in the annealed alloy.
inued ).

The degree of preferred orientation can be calculated by using
the Lotgering factor [29]

L(hkl) = (P(hkl) − P0
(hkl))/(1 − P0

(hkl)) (1)

P(hkl) = I(hkl)/
∑

j

Ij (2)

∑

Fig. 2. XRD patterns from longitudinal section of Cu–0.4 wt.%Cr–0.12 wt.%Zr–
0.02 wt.%Si–0.05 wt.%Mg drawn to � = 6.0 and annealed at different temperatures.
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ig. 3. Lotgering factor dependent on the annealing temperature for Cu–0.4%Cr–
.12%Zr–0.02%Si–0.05%Mg drawn to � = 6.0.

he intensities of any diffraction in the drawn specimen and full
nnealed specimen, respectively. The difference of crystal orienta-
ion between drawn specimen and full annealed specimen can be
eflected by the absolute value of L(hkl). It is obvious that there is the
ame crystal orientation between the drawn specimen and the full
nnealed specimen if L(hkl) = 0. In general, the greater the absolute
alue of L(hkl), the higher the difference of the crystal orientation.

Fig. 3 shows the Lotgering factors of different diffractions for the
lloy drawn and annealed at different temperatures, where I0

(hkl)

nd I0
j

are taken from the XRD pattern of the specimen annealed at
00 ◦C. The crystal orientation of as-drawn specimen has relatively
igh difference with the annealed specimen. With the annealing
emperature increasing, the difference decreases and almost van-
shes as the annealing temperature to 600 ◦C. Fig. 4 shows the

icrostrain dependent on the annealing temperature. The XRD
attern of the annealed Cu has been used as the standard pattern
ithout microstrain for the calculation of the microstrain. There is
high degree of microstrain in the heavily drawn specimen. With

he annealing temperature increasing to 400 ◦C, the microstrain
lowly decreases because the stored energy is released to a certain
egree and the internal stress is partially relaxed by the recovery.
s the annealing temperatures is higher than 400 ◦C, the micros-

rain decreases rapidly because the stored energy is completely
eleased or the dislocation density is dramatically decreased in the
ecrystallization. Previous investigations showed that microstrain

n high purity Cu samples processed by different approaches var-
ed in a wide range, such as 0.1% in equal-channel angular pressing
u [30], 0.2% in ball-milled Cu [31], 0.24% in magnetron sputtering
u [32] and 0.16% in conventional cold rolling Cu [25]. The present

ig. 4. Microstrain dependent on the annealing temperature for Cu–0.4 wt.%Cr–
.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg drawn to � = 6.0.
Fig. 5. Vickers hardness dependent on the annealing temperature for Cu–0.4%Cr–
0.12%Zr–0.02%Si–0.05%Mg drawn to � = 6.0.

results are slightly higher than those reported in the literature due
to the alloying which includes solid solution and precipitation as
well as their interactions with dislocations [20,33–36].

3.3. Hardness

Fig. 5 shows the hardness of specimens on longitudinal and
transverse sections as a function of the annealing temperature.
There is no obvious reduction in hardness until the annealing tem-
perature up to 400 ◦C although the recovery exists in the range of
annealing temperature.

This can be attributed to the possible precipitation hardening
because some solute atoms can dissolve into the Cu matrix dur-
ing heavy drawing and precipitate during annealing treatment at
200–400 ◦C [33–36]. As the annealing temperature increases above
400 ◦C, the hardness noticeably decreases because the recrystalliza-
tion removes the work hardening.

The change of crystal orientation in heavy drawing strain may
cause the variation of material properties [37]. Therefore, the
change of crystal orientation in Cu ribbons in heavy drawing
results in the different hardness values determined on longitu-
dinal and transverse sections. With the annealing temperature
increasing, the difference in hardness determined on longitudinal
and transverse sections decreases. In particular, as the annealing
temperature increases to higher than 500 ◦C, the recrystallization
results in the annihilation of the hardness difference because the
initial crystal orientation formed in heavy drawing is completely
removed by the formation and propagation of equiaxed grains.

3.4. DSC

Fig. 6 shows the heat flow of the calorimeter in an exper-
iment starting at 40 ◦C. The DSC curve shows exothermic
reaction points in the positive y-direction. As for deformed
pure metals, only the exothermal peak was observed and
corresponded to the release of the stored energy dur-
ing recrystallization [19,26,38]. However, in heavily drawn
Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg, the DSC
result seems to be more complex. The curve includes two initial
endothermal peaks and a subsequent exothermal peak as the
temperature is lower than 380 ◦C. The initial endothermal peaks
can be attributed to the dissolution of the solute clusters formed

in dislocation walls at low temperatures [19]. The subsequent
exothermal peak can be associated with the annihilation of some
defects and the precipitation of some secondary particles during
recovery. Only one large exothermal peak is observed at high
temperatures and corresponds to the sufficient release of the
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Fig. 6. Heat flow difference of two consecutive runs at 20 ◦C/min for Cu–0.4 wt.%Cr–
0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg drawn to � = 6.0.

Table 1
The measured Es for the alloy annealed at different annealing temperatures.
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�c (520 MPa) at 300 ◦C. It may implies the strengthening effect of
about 60 MPa is attributed to the grain refinement.

The changes of resistivity and dislocation density dependent on
annealing temperature are shown in Fig. 8. In low temperature, the
Annealing temperature (◦C) 390 400 450 500 550 600

Es (J/mol) 37.4 35.6 29.1 12.2 0.191 0

tored energy during recrystallization when dislocation density
ignificantly decreases.

The stored energy released by the recrystallization at different
emperatures can be obtained by calculating the area under the
arge exothermal peak. The stored energy released sufficiently dur-
ng recrystallization is measured to be 37.4 J/mol by integrating the
SC curve from 390 to 600 ◦C. After annealing treatment at different

emperatures, the energy still stored in the alloy Es is the difference
etween 37.4 J/mol and the stored energy released at different tem-
eratures by the recrystallization. Table 1 shows the measured Es

or the alloy annealed at different temperatures.
In ultrafine-grained and nanocrystalline metals, the majority

f stored energy released during recrystallization is attributed to
he disappearance of high density grain boundaries and disloca-
ions. The contributions from other defects such as vacancies and
he associated elastic strain energy are minor [23–25]. The pos-
ible contribution from grain boundaries to the recrystallization
xotherm can be estimated as follows. The total surface energy
er unit volume attributing to grain boundaries Egb is given as
�/D, where � is grain boundary energy per unit area, D ribbon
ize. Taking � as 0.6 J/m2 for Cu [23–25,39] and D as 530 nm for
s-drawn sample, the grain boundary energy contributing to the
tored energy is 2.2 × 106 J/m3 or 15.7 J/mol. Table 2 shows the mea-
ured Egb for the alloy annealed at different temperatures. At higher
emperature, grains have been coarsened obviously and then the
rain boundary energy can be neglected.

In heavily drawn alloy, strength can be well correlated to the
islocation density using Taylor approach which strengthening is
ainly caused by dislocation–dislocation interactions [25,40,41].
he flow stress � can be related to the dislocation density by

= �o + ˛MGb�1/2 (4)

able 2
he measured Egb for the alloy annealed at different annealing temperatures.

Annealing temperature (◦C) Ribbon size (�m) Egb (J/mol)

300 0.530 15.7
400 0.610 14.3
450 0.800 10.8
500 1.53 5.60
Fig. 7. The calculated flow stress �c and the measured flow stress �t

dependent on the annealing temperature for Cu–0.4 wt.%Cr–0.12 wt.%Zr–
0.02 wt.%Si–0.05 wt.%Mg.

where �o is the friction stress, M the Taylor factor (M = 3 for poly-
crystalline materials [41]), ˛ a dimensionless number (˛ ≈ 1/3 is
taken [25]), G the shear modulus (G = 47 GPa for Cu [41]) and b the
Burgers vector (b = 0.256 nm in Cu lattice [41]). The dislocation den-
sity can be related to the stored energy in terms of � = (Es − Egb)/Ed,
where Ed is the energy per unit length of a dislocation and an aver-
age value of 5 × 10−9 J/m is taken without making any distinction
between edge or screw dislocations, complete or partial disloca-
tions [23,25].

If it is supposed that the dislocation density can be
ignored in the alloy after full annealing, we can take the
flow stress 220 MPa of the specimens annealed at 600 ◦C
as the value of the friction stress �o in the investigation.
Fig. 7 shows �c and �t dependent on the annealing tem-
perature for Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg,
where �c is the flow stress obtained by Eq. (4) and �t is
the flow stress measured by tensile test. In general, there is
a similar change trend between the calculated values and the
measured data with a stress difference of 40–90 MPa. It indi-
cates the dislocation interactions play a dominant role and the
grain refinement plays a minor role in strengthening effect for
Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg alloy. As the
annealing temperature rises, both �c and �t decreases rapidly and
�t is always higher than �c. For example, �t is 580 MPa higher than
Fig. 8. Resistivity and dislocation density dependent on annealing temperature for
the tested Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg alloy.
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islocation density hardly changes, while the resistivity decreases
ith the annealing temperature increasing. This difference may be

ttributed to the annihilation of lattice defects such as point defects
t low temperature [42,43]. In high temperature, there is a similar
hange trend between the resistivity and dislocation density. When
he annealing temperature reaches 600 ◦C, the resistivity seems to
e saturated, corresponding to the maximum decrease of disloca-
ion density. The contribution of dislocations to the resistivity is
n principle independent of the details of the arrangement of the
islocation and it is much more sensitive to their overall density
18].

. Conclusions

With the annealing temperature increasing, the ribbonlike Cu
rystals are gradually replaced by gross equiaxed grains, resulting
n the decrease of hardness, flow stress and electrical resistivity.

The crystal orientation of as-drawn specimen is gradually
pproaching that of full annealed specimen and the hardness dif-
erence between longitudinal and transverse directions decreases
s annealing temperature increasing.

The release of stored energy and the reduction of resistiv-
ty are primarily due to the decrease of dislocation density. The

ain strengthening effect is attributed to dislocation mechanism
n Cu–0.4 wt.%Cr–0.12 wt.%Zr–0.02 wt.%Si–0.05 wt.%Mg alloy.
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